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We have studied the failure of a urethane elastomer due
to cyclic compressive loading, using loading frequencies
and specimen sizes for which internal heat generation is
an important factor. The eventual failures were generally
manifest by internal cracks growing transverse to the
loading direction. A variety of experimental analyses in-
dicate that this failure is primarily thermal, in that the
temperature rise due to viscous dissipation eventually
leads to a melting of the hard segment domains which act
to reinforce the material. No strong indication of thermal
or thermomechanical bond scission was obtained, al-
though a progressive reduction in the rubbery modulus

was noted.

INTRODUCTION

Military tracked vehicles, such as tanks and
personnel carriers, use rubber pads on
their tracks to reduce road damage, give trac-
tion, damp vibrations, and reduce noise. With
the high loads and speeds encountered by mod-
ern tracked vehicles, the rubber pads often fail
in an undesirably short time. Replacement of
these pads currently contributes to a substan-
tial portion of the cost of vehicle maintenance.
Improving the lifetime of the pad material would
help reduce these costis, and this research has
been aimed at this goal.

This study was undertaken to investigate the
types of damage which occur under repeated
cyclic loadings similar to those found in normal
service. Under these conditions substantial
heat build-up occurs, which in conjunction with
the applied stresses have been known to pro-
duce a variety of degradation mechanisms in
elastomers. Specifically, we have used thermo-
gravimetric analysis (TGA) to characterize the
purely thermal degradation process, and
compression-compression fatigue to investigate
thermomechanical degradation. Physical and
chemical changes occurring during fatigue were
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monitored by differential scanning calorimetry
(DSC), swelling in dimethyl formamide, dy-
namic mechanical spectroscopy, and infrared
spectroscopy.

Our study shows that given sufficient load
cycling, urethane specimens can fail by cracks
generated at their centers. DSC analysis showed
an increased hard segment transition temper-
ature due to thermal annealing effects. All sam-
ples had a decreased elastic modulus (E’) after
fatigue, which may be due to a stress-softening
mechanism analogous to the Mullins effect.
Only one block tested showed any significant
changes in crosslink density as determined by
swelling analysis, but this singular measure-
ment may have been due to a processing irreg-
ularity (for example, an exotherm during cure
might lead to degradation of the material). The
main failure mechanism appears to be soften-
ing of the hard segment followed by rupture.
The cracks appear at the center of the block,
which is the hottest area, supporting this mech-
anism.

MATERIALS

Cast urethane elastomer systems, such as the
one used in this study, are generally prepared
by the reaction of an isocyanate terminated
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prepolymer with a low molecular weight cura-
tive such as a diol or diamine. The prepolymer
is usually prepared by end-capping a polyether
or a polyester with a diisocyanate, forming a
urethane bond and leaving two free isocyan-
ates, which can be further reacted (1). Next, the
prepolymer is reacted with a “curative”. If a diol
is used, a polyurethane is formed. If a diamine
is reacted, a polyurethane urea is formed. When
an excess of isocyanate is used crosslinking
may occur through the formation of allophan-
ates or biurets, with the biuret reaction occur-
ring more rapidly than the allophanate reaction
(1). Urethanes formed in this manner are usu-
ally two-phase systems, in which the polyether
or polyester forms a domain of aggregated “soft
segments,” and the isocyanate and curative
form hard segment domains. These hard seg-
ments act as physical crosslinks, often enhanc-
ing the physical properties of the polymer.

The material chosen for this study was a
commercial polyether polyurethaneurea sys-
tem, prepared from a toluene diisocyanate (TDI)
prepolymer and a diamine curative, trimethy-
lene glycol-di-p-amino benzoate. The stoichi-
ometry (curative/polymer weight ratio) used
was 85 percent. This material has shown good
wear resistance in rough-terrain track testing,
and is a possible replacement for more tradi-
tional rubber compounds. Further, the ure-
thane is not so highly compounded as the tra-
ditional carbon-black filled elastomers, and this
simplifies many of the analytical techniques
needed for its analysis.

Molded blocks were prepared by the following
method. The diamine curative and prepolymer
were weighed into separate beakers filled with
argon gas and covered with aluminum foil to
reduce the exposure of the contents to atmos-
pheric moisture. An extra gram of curative was
included to compensate for the loss that oc-
curred during pouring. The prepolymer was
heated in a 100°C oven and the curative (m.p.
140°C) was melted in a 150°C oven. The cura-
tive was then degassed and returned to the
oven, then the molten prepolymer was degassed
and allowed, to cool to 90°C. The curative was
removed from the oven, poured into the beaker
containing the prepolymer, and mixed quickly
with a wooden dowel. Complete mixing required
about 20 s. The polyurethane mixture was then
degassed for approximately two min. The poly-
mer was quickly poured down the stirring rod
into a preheated mold (100°C), which had been
sprayed with a silicone mold release. After fill-
ing the mold, the specimen was placed in a
100°C oven for 45 min before demolding. The
block was returned to the oven and allowed to
cure at 100°C for four to five h. The blocks were
aged for two weeks at room temperature before
testing. Four blocks molded by the manufac-
turer were also tested.

Several problems can arise during polymer
preparation because of the short working pot
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life of four min and the low prepolymer preheat
temperature relative to the melting point of the
curative. When the prepolymer is not heated to
a sufficiently high temperature, the curative
will solidify, producing small curative flakes
throughout the specimen. In the initial attempts
at specimen preparation this problem produced
blocks with incorrect stoichiometry, as well as
reduced properties because of the crack initia-
tion sites in the curative flakes. With the pre-
polymer and/or curative at too high a tempera-
ture, the pot life of the polyurethane is reduced
due to the increased reaction rate of the com-
ponents at higher temperatures. This results in
premature gelation, with the reaction mixture
solidifying in the beaker rather than the mold.

The cure temperature can affect the proper-
ties of the elastomers, and the exotherm during
cure may cause the properties of the center of
the specimen to vary from the outside portions.
As discussed in Ref. 1, Fujioko and Goto have
shown that a polyurethane prepared from tol-
uene diisocyanate (TDI), polyoxypropylene gly-
col (PPG), and 3,3’-dichloro-4,4’-diaminodi-
phenylmethane (MOCA) exhibits decreased
hardness, tensile strength, and elongation as
the cure temperature is raised above 100°C.
This was attributed to the increased formation
of biuret groups above 100°C. The biuret groups
were felt to disrupt the interchain forces leading
to a reduction in modulus, even though an in-
crease in crosslink density, for a conventional
rubber, would be expected to increase the mod-
ulus. In fact, crosslink formation has been re-
ported to cause an anomalous decrease in the
modulus (2). In the studies of Pigott, et al. (2),
where the crosslink density in the hard segment
was changed by adding different amounts of
trimethylol propane during chain extension to
a polyester polyurethane, the modulus was
found to decrease, then increase, as the cross-
link density was changed.

EXPERIMENTAL RESULTS
Cyclic Loading

A servohydraulic Instron model 1331 was
used to apply compression-compression sinus-
oidal cyclic loading at a frequency of 6.5 Hz and
a 0.1 ratio of minimum to maximum stress. The
specimens were tested between two parallel flat
plates, using double-stick tape to prevent the
block from slipping out of the test machine. The
tape also inhibits lateral motion of the loaded
surfaces, which produces a barrelling of the test
specimen during loading. The barrelling in turn
generates a complicated and nonuniform stress
state within the specimen. The testing was done
in load control mode on the Instron, because it
was felt this would more accurately simulate
tank track pad conditions. The temperature of
the blocks was monitored by a thermocouple
which had been inserted in a hole drilled to the
center of the block.



Nonlinear Response and Thermomechanochemical Degradation of a Urethane Elastomer

The results of the loading test are summa-
rized in Fig. 1, which shows the lifetime or test
duration vs. maximum stress for each of the
specimens tested. The failure mode was via
cracks generated at the center of the test block.
Some specimens were loaded to failure, while
some tests were stopped short of failure and the
specimens removed to analyze the degradation
process. The testing we have done is not fatigue
testing in the usual sense due to the small num-
ber of blocks examined. The extensive analysis
required for each block, in order to determine
the failure mechanism, limited the total number
of blocks that could be tested.

All the blocks were 63.5 by 63.5 by 63.5 mm
with the exception of two commercially pre-
pared blocks, which were 63.5 by 63.5 by 76.2
mm. The larger blocks were tested with the
same cross-sectional area under load at a max-
imum stress of 6.62 MPa. One specimen was
taken to failure and the other test was stopped
before failure occurred. A third commercially
prepared block, 63.5 by 63.5 by 63.5 mm, was
tested at 4.96 MPa maximum stress. This spec-
imen reached an equilibrium temperature of
91°C, and the test was stopped at 2.1 x 10°
cycles without failure.

A typical thermal history is shown in Fig. 2,
which plots temperature vs. number of cycles
for the three specimens tested at 6.62 MPa. The
internal temperatures of all specimens showed
a continuous rise with increasing load cycles,
with the exception of the specimen tested at the
lowest stress (4.96 MPa); this appeared to reach
an equilibrium between internal heat genera-
tion and surface convective losses which pro-
duced a constant temperature. In general, the
temperature histories indicate that the internal
temperatures at failure approach 180°C.

Thermogravimetric Analysis

We conducted a series of thermogravimetric
analyses in order to assess the extent to which
purely thermal degradation mechanisms might
contribute to the failure of the loaded speci-
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Fig. 1. Summary of load cycling tests: cycles to failure or
termination of test. “Commercial” specimens prepared by
Polaroid, others by us.

mens. Thermal degradation would be expected
to lead to decreased crosslink density and mo-
lecular weight, changing the mechanical and
thermal properties of the polyurethane. Ther-
mogravimetric analysis (TGA) records of weight
loss vs. temperature were obtained using a
DuPont 1090 at a heating rate of 10°C/min in a
nitrogen atmosphere. The TGA trace for un-
fatigued material is shown in Fig. 3.

It was generally observed that for our study
materials no weight loss occurs before 250°C.
Since the specimens subjected to cyclic loading
fail well before this temperature is reached, it
seems likely that the thermal degradation re-
actions observed by TGA are not involved in the
failure of the loaded blocks. Since the TGA mon-
itors only those reactions leading to volatiliza-
tion and weight loss, this does not exclude the
possibility that other thermal degradation re-
actions, not producing volatile products, are in-
volved in the failure process.

Differential Scanning Calorimetry

Polyurethane block copolymers are generally
two-phase systems, but they can exhibit a sub-
stantial mixing of soft segments in the hard
domains, and vice versa. The degree of this
phase mixing will affect the transition temper-
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atures of both hard and soft segments, and
phase mixing has been used to explain the in-
crease in soft segment Ty with increasing hard
segment content (3). Reasoning that alterations
in phase morphology might be involved in the
failure of loaded blocks, we used differential
scanning calorimetry (DSC) to study the tran-
sition temperatures of unfatigued and fatigued
specimens.

DSC analyses were conducted using a Perkin-
Elmer DSC IV with a heating rate of 10°C/min.
A comparison of typical DSC scans for un-
fatigued and fatigued material is shown in Fig.
4. There appear to be two high temperature
transitions in the unfatigued material, one oc-
curring near 180°C, and the other near 205°C.
Specimens which had been loaded to failure
show only one transition, which is at nearly the
same temperature as the higher temperature
transition for the unfatigued material.

A plot of the transition temperature after fa-
tigue (the lowest value for those showing two
transitions) vs. fatigue cycles is shown in Fig.
5 for specimens fatigued at 6.62 MPa maximum
stress. As can be seen, there are no changes in
the transition temperature with the specimen
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Fig. 4. Typical DSC traces showing the increase in hard
segment transition temperature with fatigue. Specimen
fatigued at 8.82 MPa maximum stress to failure.
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Fig. 5. Effect of increasing fatigue cycles on hard seg-
ment transition temperature (lowest value shown for
specimens having two transitions) for specimens fatigued
at 6.62 MPa maximum stress.
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fatigued to 2,110 cycles (120°C maximum inter-
nal temperature), after which there is a contin-
uous increase in the transition temperature
with the number of fatigue cycles until speci-
men failure.

The increase in transition temperature with
load cycling may be due only to thermal an-
nealing, because heating samples in the DSC
also moves the lower temperature transition
upward. Of course, the high temperatures gen-
erated in the loading tests might be expected to
produce similar effects. The transition shift
may be due to an increase in the amount of
phase separation, or an improved ordering in
the hard segment domains. Both these phenom-
ena would increase the hard segment T,. Since
no improved order after annealing was reported
in similar systems (4), increased phase separa-
tion may be the most viable explanation. This
conclusion is tentative because if this were the
case we would expect the T, of the soft segment
to change as well. This was not observed in the
DSC analyses.

Cain (5) studied a polyurethane system very
similar to ours, prepared from polytetrameth-
ylene ether glycol (PTMEG), TDI, and 3,3'-di-
chloro-4,4’-diaminodiphenylmethane (MOCA),
and found the presence of two high temperature
transitions. Annealing either moved the lower
transition upwards or caused it to disappear.
With the aid of IR measurements at high tem-
peratures, Cain was able to correlate the tran-
sitions to hydrogen bonding in the urethane
carbonyls (lower temperatures) and urea car-
bonyls (higher temperatures). It is quite reason-
able that our system shows similar behavior.
Although we cannot be exactly sure what
changes occur to the hard segment structure
after annealing, we conclude that the changes
seen in the DSC scans after fatigue are the
result of thermal treatment at the high temper-
atures observed during testing.

Swelling Studies

We have explored a number of approaches to
monitoring the molecular mechanisms under-
lying the thermomechanical degradation of the
loaded blocks. None of these have been simple
due to the intractable nature of the material
and the relatively dilute concentration of molec-
ular scission events. One possible approach is
to measure changes in crosslink density (v./V).
This parameter influences a number of physical
properties, most notably the glass transition
temperature, the rubbery modulus, and the up-
take of certain swelling fluids.

The crosslink density can be computed from
solvent uptake measurements by means of the
Flory-Rehner equation:

Ve 1 In(1 - v) + v, + xv.2

= - — X
\% Vs v.'3 — 2v0,./f (1)

ve/V is the crosslink density (mole/cm?), V, is
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the molar volume of the solvent, x is the poly-
mer-solvent interaction parameter, v, is the vol-
ume fraction of rubber in the swollen sample,
and f is the functionality of the crosslink. v, can
be calculated by the weight of the specimen
while swollen and after removal of the solvent,
if the density of the polymer and solvent are
known.

Since the interaction parameter x was not
known for our polymer-solvent system, we
sought an independent measure of the crosslink
density by which the parameter could be in-
ferred from the Flory-Rehner equation. For this
purpose we measured the elastic modulus of
swollen specimens, using a swelling solvent (di-
methylformamide, DMF) which disrupts the
hard segment domains. The crosslink density
is given in terms of the elastic modulus by (7):

ve/V = Fu B /{ART(a — o %)} (2)

where »./V is the moles of effective network
chains per unit volume of polymer, F is the force
to obtain an extension, a, v, is the volume frac-
tion of elastomer in the swollen specimen, A is
the unswollen cross-sectional area, R is the gas
constant, and T is the temperature. This value
of the crosslink density can then be used in the
Flory-Rehner equation to calculate x.

To verify that the DMF solvent breaks up the
hard segment hydrogen bonding to allow meas-
urement of the primary crosslink density, we
immersed specimens with (85 percent stoichi-
ometry) and without (100 percent stoichiome-
try) biuret crosslinks in DMF. The uncross-
linked material completely dissolved in the sol-
vent, while the crosslinked material was only
swollen. This indicates that DMF does disrupt
the hard segment domain structure.

For swelling measurements, specimens
weighing approximately 0.4 grams were placed
in 80 ml of DMF and allowed to swell for 25 h
at 25°C. The specimens were removed and
weighed in sealed jars. The deswollen weight
was obtained by drying the specimens in a 60°C
vacuum oven overnight. Conventional stress-
strain tests were then conducted on the swollen
tensile specimens, and the crosslink density
was calculated by Eq 2. Finally, this result was
used in the Flory-Rehner equation to compute
the x value; we obtained x = 0.468.

The x value obtained above was used in the
Flory-Rehner equation to compute the crosslink
densities in blocks before and after fatigue load-
ing. The unfatigued material exhibited a mean
value of 1.53 X 10™* mole/cm® and a standard
deviation of 6.98 x 107°. The corresponding
average values for all specimens loaded to fail-
ure was 2.33 X 107* moles/cm?® with a standard
deviation of 1.17 X 107*. Only one specimen
showed a decreased crosslink density after fa-
tigue. It may be that this block was different
from the others, perhaps the starting materials
had been degraded in some way, or the process-
ing conditions were different.

We conclude from the swelling experiments
that no significant permanent chain scission is
required for failure of polyurethane elastomers
under compression loading. Of course, bond
scission must occur at least near the free sur-
faces created when the specimen finally fails
through crack growth, but we feel we can rule
out the sort of extensive and global bond disso-
ciation which has been observed by electron
spin resonance in some other polymers (8).

Infrared Spectroscopy

While thermogravimetric and swelling anal-
yses show no evidence of molecular rearrange-
ments during loading, these tests are ambigu-
ous in some respects. To explore further the
possibility of reactions during loading, we con-
ducted infrared spectroscopic analysis of the
unfatigued and fatigued material. Attenuated
total reflectance (ATR} spectra were obtained
using a Digilab FTS-IMX. This method was cho-
sen because the material was insoluble and
could not be cast into a film.

Figure 6 shows the IR spectra for unfatigued
and fatigued materials. The expected degrada-
tion reaction, based on the literature (9, 10), is
the dissociation of the urethane and urea bonds
to form isocyanates and alcohols or amines.

ABSORBANCE

FATIGUED

ABSORBANCE

) R
WAVENUMBERS (CM -1)
UNFAT[GUED
Fig. 6. Influence of fatigue on FTIR Spectra for material

fatigued at 5.52 MPa maximum stress to failure. Top
spectrum fatigued; bottom spectrum unfatigued.
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There are no new peaks for isocyanates,
amines, or alcohols in the spectrum for the
fatigued material, thus permanent rupture of
the urethane and urea bonds does not appear
to occur during fatigue cycling. There are no
new peaks, nor increases in the carbonyl re-
gion, which might indicate oxidation reactions.
This is not unexpected because the concentra-
tion of oxygen present at the center of the block
is likely to be small. There are essentially no
changes in the IR spectrum after fatigue, sup-
porting the premise that the failure mechanism
involves only localized mechanical degradation
of the specimen, without extensive mechano-
chemical reactions.

There is still the possibility that reversible
reactions could occur at high temperature,
whose absorption bands vanish when the spec-
imen is cooled and the spectra taken at room
temperature. For example, the urethane bonds
could rupture at high temperature and subse-
quently reform after the sample is cooled. To
investigate the probability of these reactions,
high temperature infrared spectroscopy was
run under an inert atmosphere. Figure 7 shows
the IR spectra with increasing temperature. No
changes appear in the spectra for temperatures
up to 240°C, which is well above the tempera-
tures encountered at specimen failure. These
data show no evidence of any reactions which
might occur at high temperature during the fa-
tigue process but reverse upon cooling.

Dynamic Mechanical Analysis

The dynamic mechanical spectrum of two-
phase urethane elastomers shows two principal
relaxations. The first, at approximately —30°C,
is the glass transition of the soft segment do-
mains, and corresponds to a large reduction in
modulus from a glassy to a rubbery plateau.
With crosslinking this plateau region is ex-
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Fig. 7. Analysis of polyurethane at high temperatures
by infrared spectroscopy. No evidence for reversible bond
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tended. At sufficiently high temperature—ap-
proximately 180°C—the hard segment rein-
forcing domains melt (11); this allows the ure-
thane to become fluidlike and is the basis for
thermoplastic elastomer technology. The hard
segment melting would be expected to mark the
upper service temperature of these materials.

The elastic modulus in the rubbery plateau
region can be used to determine the crosslink
density through the well-known equations of
rubber elasticity. The appropriate stress-strain
relation is (12):

S=E/3a~a? 3)

where f is the force per unit unstrained cross-
sectional area, E is the Young's modulus, and «
is the elongation. Assuming incompressibility
and setting Poisson’s ratio to 0.5, then (12):

E=3G = 3RT(V€/V] (4)

This relation allows us to determine the cross-
link density from a measurement of the rubbery
modulus. The approach is similar to that used
earlier in determining the crosslink density for
the purpose of obtaining a suitable solvent in-
teraction parameter.

An Autovibron dynamic mechanical analyzer
was used for measurement of the elastic mod-
ulus. This system uses the basic Rheovibron
DDV-II {Toyo Baldwin Co.), but includes an au-
tomation package (Imass, Inc.). The dynamic
properties were measured at a frequency of 110
Hz from —130 to 150°C. Fatigued specimens
were microtomed from sections taken from the
center of the test specimen, as close to the
cracks as possible.

All the values for crosslink density calculated
by this method are higher than by swelling
analysis. This is not unexpected since the mod-
ulus measurements include the reinforcing ef-
fect of the hard segment of domains, while these
domains were dissolved in the swelling solvent.
The rubbery modulus decreases with increasing
temperature, indicating that ideal rubber elas-
ticity is not attained (13), possibly due to inter-
nal energy contributions. However, these data
may still give an approximate estimate of the
crosslink density.

Figure 8 compares the elastic moduli for
specimens fatigued at 6.62 MPa maximum
stress. As can be seen, the modulus values
above the soft segment glass transition show a
progressive decrease with number of fatigue
cycles, even though the swelling measurements
showed no change with fatigue.

The reduction in rubbery modulus with in-
creasing loading cycles is shown in Fig. 9 for
specimens fatigued at 6.62 MPa maximum
stress. This modulus reduction clearly indicates
some type of permanent change. Thermal an-
nealing tests showed no permanent change in
the elastic modulus, indicating that high tem-
peratures alone do not produce these changes.
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A possible explanation for this modulus re-
duction is a type of “Mullins Effect”, which was
originally found in filler-loaded rubbers, but has
since been found in polyurethane elastomers
(14). Trick (14) found a reduction in modulus
with repeated extension, although in his case
almost all of the reduction occurred in the first
cycle. The stress-softening phenomenon is be-
lieved to be caused by the disruption of the
glassy domains under repeated stretching (15).

Kaneko, et al. (16) studied the cut growth
fatigue of polyurethanes prepared from
PTMEG, TDI, MOCA, and hexamethylene diiso-
cyanate (HMDI). After constant load fatigue
they measured the changes in elastic modulus
with the Rheovibron. For all fatigued samples a
decrease in the elastic modulus was encoun-
tered, but the authors did not investigate if the
amount of change was dependent on the num-
ber of fatigue cycles. Kaneko, et al. suggested
that the differences they noted after fatigue
could be due to orientation under stress.

Either orientation or disruption of the hard
domains is a possible explanation for the
changes seen in compression fatigue tests. The
changes seen in the modulus are clearly not
caused by high temperatures alone, but require

the application of stress. For the specimen
tested at 4.96 MPa, which was cycled at low
load levels with little heat build-up, the modulus
values show only a very slight reduction. This
indicates that stress alone does not produce the
modulus reduction, but rather a combination of
both stress and heat build-up. The continuous
increase in temperature leads to softening of
the material, which in turn causes increased
deformation in load-controlled tests. This in-
creased deformation amplitude will lead to con-
tinued softening (15). The increasing tempera-
ture causes stress softening throughout the
test, rather than mainly in the first cycle. Thus,
we can expect the material properties of poly-
urethanes to change continuously as fatigue
degradation occurs.

High Temperature Mechanical Properties

The dynamic mechanical spectroscopy re-
ported above was useful in fingerprinting the
overall nature of the urethane response and for
computing the crosslink density from the rub-
bery modulus. However, these dynamic tests did
not extend into the range of temperatures above
approximately 150°C, where the failures of the
loaded blocks were observed to occur.

A special gripping system was required to
conduct tests at these higher temperatures, be-
cause samples ruptured at the grips when the
material softened. The gripping system devised
is as follows: precut specimens were glued on
end to two small copper tabs with epoxy. The
epoxy was allowed to cure overnight at room
temperature. Two pieces of sandpaper were
wrapped around the copper tabs, then the sam-
ple was placed in the Autovibron and run from
room temperature to 250°C. A sample of the
epoxy glue was cast onto the tabs and run in
the Autovibron to distinguish any transitions
for the epoxy. The absolute modulus values may
be incorrect because of the tabbing system, but
only the transition temperatures were of inter-
est for this section of the work.

The elastic moduli (E’) for the polyurethane
(using the new gripping system) at two different
frequencies are compared with the epoxy alone
in Fig. 10. For the polyurethane a small tran-
sition is seen near 75°C, and a very large drop
in modulus is found beginning near 175°C. By
comparing the elastic moduli for the epoxy with
the polyurethane data, we can assign the tran-
sition at 75°C to the epoxy. Further proof for
this lies in the fact that this transition was
never seen in polyurethane runs without the
special gripping system. The epoxy elastic mod-
ulus remains essentially constant from 100 to
250°C. Therefore, the transition beginning at
175°C is the hard segment transition. This tran-
sition temperature correlates well with the hard
segment transition temperature of 180°C found
by DSC measurements.

Fatigue failure occurs near 200°C, which is
in the range where the elastic modulus is se-
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Fig. 10. Elastic modulus at high temperatures for epoxy
and polyurethane, showing the loss of stiffness at ure-
thane hard segment transition.

verely reduced. Softening of the material at
these temperatures leads to rupture under the
high deformations encountered during com-
pression fatigue.

DISCUSSION

The failure mechanism under compressive
loading is a consequence of the complicated and
nonuniform stress distribution experienced by
the block specimens. We are currently perform-
ing finite element analysis studies of this aspect
of the problem, but in the meantime it is possi-
ble to outline the salient features of the stress
state using previously published reports.

For blocks which are bonded to end plates,
the applied force can be viewed as being com-
posed of two portions: one part is responsible
for the surface displacement in the loading di-
rection, and for perfectly lubricated load sur-
faces would be accompanied by a lateral Pois-
son displacement of the specimen. Since for
bonded plates the surfaces are constrained
against lateral motion, a shear displacement
can be superposed to restore points on the rub-
ber surface to their original positions (17). For
a linearly elastic, incompressible, and isotropic
material the hydrostatic pressure component of
the stress has a maximum at the center and a
parabolic decrease towards the outside. As the
height of the block increases the maximum in-
ternal pressure decreases (18). When the thick-
ness of the block increases the effect of the
constrained surfaces (shear forces) will contrib-
ute less to the stress distribution in the block
(18).

Reed and Thorpe (19) determined the shear
stresses in a compressed block by finite element
analysis. The shear stresses were found con-
centrated in the top outside corners and negli-
gible at the center. Therefore, although there
may well be some small amount of shear
stresses at the center of the block, their contri-
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bution to the failure mechanism is likely to be
small.

For a compressed sample with frictionless
surfaces, Treloar (20) states the equilibrium
strain in a compressed block is the same as the
equilibrium strain for a specimen biaxially
strained perpendicular to the loading direction.
For Treloar’s case no bulging effects occur as
in our test.

Under fatigue all blocks taken to failure ex-
hibit cracks formed at the center of the speci-
men. These cracks run perpendicular to the
loading direction. Figure 11 shows the internal
cracks, generated during fatigue testing, on a
cut section of one of our specimens. Figure 12
shows the internal cracks for a clear polyure-
thane of a different composition than our spec-
imens. The internal cracks occur in specimens
tested without thermocouples, indicating that
the insertion of a thermocouple does not change
the mode of failure, although it undoubtedly
produces stress concentrations.

Buckley (21) conducted compression tests on
cylindrical specimens of styrene-butadiene rub-
ber in a Goodrich Flexometer. He found a simi-
lar type of failure, with internal and/or external
cracks running perpendicular to the loading di-
rection. Although Buckley felt the stress state
in his test would be much more complex than
Treloar described for uniaxial compression,
Buckley suggested the observed failures could
be due to biaxial extension. The strains in the
center of the specimen would be similar to a flat
sample extended in two directions. The model
which Buckley used to describe his failures is
shown, with changes to represent a square
cross-sectional surface as in our specimens, in
Fig. 13.

Fig. 11. Specimen cut open to reveal internal center
cracks after failure. Loading direction perpendicular to
cracks.
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Fig. 12. Uncut specimen showing internal cracks.
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Fig. 13. Biaxial tension model of a compressed block.
Left diagram is side view of a compressed block exhibit-
ing bulging. Right diagram is top view of a center slice
showing extension of the elastomer perpendicular to
loading direction.

In this model the compressed specimen ex-
hibits bulging. A slice taken from the center of
the specimen, perpendicular to the loading di-
rection, shows extensions similar to those of a
biaxially stretched sample. These extensions
are believed to cause biaxial tensile failure of
the specimen (21).

Recently, Stevenson (22) studied the forma-
tion of cracks in bonded rubber blocks. He
found cracks to initiate at the bonded surfaces
under tensile stress concentrations. In contrast
to Buckley's results, he found no evidence for
much heat build-up or internal cracking.

The results of our testing correlate well with
the experiments of Buckley. It may be that heat
build-up changes the characteristics of the fail-
ure so that only internal cracking initiates the
failure, with external cracking appearing only
at the very end of the test. Under compression
cycling heat build-up occurs; the hottest portion
of the specimen being the center of the block.
The center portion of the block is subjected to
extensional strain, and as the temperature at

the center of the block approaches the hard
segment transition temperature, the material
properties at the center of the specimen will
degrade. This weakening of the center portion
of the specimen, in conjunction with the exten-
sional strain, causes failure at the center of the
specimen.

CONCLUSIONS

Under sufficiently high load amplitude, ure-
thane blocks failed by cracking at the center of
the test specimen. Thermochemical degrada-
tion reactions do not appear implicated in this
process, since TGA traces showed weight loss
beginning at 250°C, well above the maximum
temperatures recorded at fatigue failure. DSC
analysis showed an increased hard segment
transition temperature, apparently caused by
thermal annealing at the high temperatures of
the fatigue test.

Swelling analysis indicated that no signifi-
cant breakdown in crosslink density is required
for failure of specimens in compression loading.
There is scant experimental evidence for chain
scission and essentially no evidence by infrared
measurements that the urethane and urea
bonds dissociate at high temperatures and sub-
sequently reform as the material is cooled.

All samples had a decreased elastic modulus
(E’) after fatigue; this reduction continues with
increasing number of loading cycles. The inter-
nal temperature also increases with the number
of cycles, and this leads to softening of the
material and increased deformation. Stress-
softening continues with increased amplitude
of deformation, so the modulus decreases
throughout the duration of the test. The modu-
lus reduction is not caused by mechanical stress
or thermal annealing alone, but requires the
interaction of both.

Under compression cycling heat build-up oc-
curs; the hottest portion of the specimen is at
the center of the block. This central portion also
is subjected to extensional strain, and as the
temperature at the center of the block ap-
proaches the hard segment transition temper-
ature, the modulus of the material decreases
dramatically. This leads to higher and higher
extensions, and finally, rupture of the speci-
men. This weakening of the center portion of
the specimen, in conjunction with the exten-
sional strain, causes failure at the center of the
specimen, rather than surface failure initiation.

From this work it seems that the hard seg-
ment transition temperature determines the
lifetime of a cyclically compressed polyurethane
block. For long part lifetimes the polyurethane
must possess a very high temperature hard seg-
ment transition, or the heat build-up character-
istics of the material must be such that the
service temperature of the part is well below
the hard segment transition.
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