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Abstract We analyze a large-scale molecular dynamics sim-
ulation of work hardening in a model system of a ductile solid.
With tensile loading, we observe emission of thousands of
dislocations from two sharp cracks. The dislocations interact
in a complex way, revealing three fundamental mechanisms
of work-hardening in this ductile material. These are (1) dis-
location cutting processes, jog formation and generation of
trails of point defects; (2) activation of secondary slip sys-
tems by Frank-Read and cross-slip mechanisms; and (3) for-
mation of sessile dislocations such as Lomer-Cottrell locks.
We report the discovery of a new class of point defects re-
ferred to as trail of partial point defects, which could play an
important role in situations when partial dislocations domi-
nate plasticity. Another important result of the present work
is the rediscovery of the Fleischer-mechanism of cross-slip
of partial dislocations that was theoretically proposed more
than 50 years ago, and is now, for the first time, confirmed
by atomistic simulation. On the typical time scale of molecu-
lar dynamics simulations, the dislocations self-organize into
a complex sessile defect topology. Our analysis illustrates
numerous mechanisms formerly only conjectured in text-
books and observed indirectly in experiments. It is the first
time that such a rich set of fundamental phenomena have been
revealed in a single computer simulation, and its dynamical
evolution has been studied. The present study exemplifies the
simulation and analysis of the complex nonlinear dynamics
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1 Introduction

The plastic or non-reversible deformation of materials occurs
immediately after a regime of recoverable elastic deforma-
tions and is governed by the nucleation and motion of defects
in the crystal lattice [1-3]. In experiment, researchers often
rely on indirect techniques to investigate the creation and
interaction of defects. In theory, predictions are primarily
based on continuum theory with phenomenological assump-
tions. While the continuum description has been very suc-
cessful in the past, some of the key features of plasticity can
only be understood when the atomistic viewpoint is taken into
account, and this may be achieved using atomistic simulation
methods, like molecular dynamics (MD) [4-14]. However,
most MD studies consider a small number of dislocations and
address specific dislocation mechanisms, such as cross slip or
dislocation cutting processes [15-19], dislocation nucleation
from cracks and dislocation reactions [20,21]. Large-scale
studies of plastic deformation incorporating several hundred
million atoms where all dislocation mechanisms appear con-
currently have not been achieved up to date.

With the advent of teraflop computers, scientists are able
to simulate billions of atoms on the nanosecond scale [5].
System sizes on the order of micrometer are critical such that
insight into the concurrent dynamics of different dislocation
mechanics can be gained.

We present an analysis of a 500 million-atom simula-
tion of work hardening in a model system for ductile copper.
The main objective of this simulation is to provide a detailed
analysis of the concurrent dynamics of dislocation and defect
interaction mechanisms during the failure. The simulation
geometry, lattice orientation and coordinate system are pre-
sented in Figs. 1(a) and 1(b). By applying tensile loading, two
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sharp cracks serve as fertile sources for thousands of dislo-
cations. This simulation setup is identical to that previously
used by some of the authors of the present paper. In contrast
to the earlier publication that included only a superficial anal-
ysis of the failure process [5], in the present work we achieve,
for the first time, a detailed atomic scale analysis of the com-
plex dynamical evolution of the defect structure (including
quantitative determination of Burgers vectors, line direction
etc.). This helps to understand several important questions of
the defect evolution, such as, for instance, the Burgers vec-
tors of the involved dislocations, the cross-slip mechanism,
the details of sessile lock formation, the dislocation cutting
processes, as well as a description of the particular struc-
ture of the final defect network [5]. The analysis reveals that
the dislocation interactions develop a rigid network of sessile
defects with a complex topology. We find that there exist three
mechanisms of interactions between dislocations. These are
(1) dislocation cutting processes with point defect genera-
tion, (2) activation of secondary slip systems by cross-slip
and Frank-Read mechanisms, and (3) formation of sessile
Lomer-Cottrell locks. Eventually, a final rigid structure con-
sisting of point defects, sessile dislocation locks and glissile
partial dislocations develops. We analyze and describe this
final structure, and show full atomistic details of the funda-
mental mechanisms of hardening. We further present a statis-
tical analysis of the densities of the different defects and their
dynamical evolution, and correlate these with the observed
interaction mechanisms.

Although many of the mechanisms we find have been
described by MD simulations in previous publications (see,
for instance [22-24]), this is the first time that such a rich
set of fundamental phenomena are being seen within a single
computer simulation, thus allowing insight into the dynami-
cal evolution of the different mechanisms. Also, the level of
detail of the present analysis has, to the best of our knowl-
edge, not been achieved in any prior published work.

The analysis validates and underlines the power of con-
tinuum mechanics theories [1,2] in predicting the proper-
ties and interactions of topological defects in lattices, as the
observed effects can all be explained by the classical theo-
ries. Figure 1(c) shows a time sequence of an overview of the
work-hardening simulation.

2 Atomistic model
2.1 Computer experiment setup

Our model for simulating work-hardening is very simple. We
consider two opposing surface cracks on opposite faces of a
three-dimensional FCC solid cube (Figs. 1(a) and (b)). The
system is a slab with 1 008 atoms along the x and y orthogonal
sides and 504 atoms along the z direction. Two notches are
centred midway along the x-direction, along the cube faces
aty =0and y = L, with a y-extension of 90 atomic layers
extending though the entire thickness L. The exposed notch
faces are in the y-z planes with (110) faces, and the notch is

pointed in the (110) direction. Periodic boundary conditions
are imposed between the x-y faces at z = O and z = L. This
notched slab geometry has a total of 511 551 936 atoms.

2.2 Simulation tool and boundary conditions

Our simulation tool is classical molecular dynamics, one of
the simplest, yet most powerful atomistic simulation tools in
computational physics. Molecular dynamics allows the pre-
diction of the motion of a large number of atoms governed
by their mutual interatomic interaction, and it requires the
numerical integration of the Newtonian equations of motion
[4] F = ma.

In the present simulations, we adopt a simple interatom-
ic force law since we wish to investigate the generic fea-
tures of a particular many-body problem common to a large
class of real physical systems and not governed by the par-
ticular complexities of a unique molecular interaction. The
model potential for the present study is the Lennard-Jones
(LJ) potential [4]. With its well-known shortcomings, it nev-
ertheless provides a fundamental description of the generic
features of interatomic interaction: Atomic repulsion at close
distances, and attraction at large radii of separation. A simi-
lar approach of using model potentials to study the essential
physics of fracture was recently taken successfully in a study
of deformation of brittle materials, where a new length scale
in dynamic fracture was discovered [7].

The slab (Figs. 1(a) and (b)) is initialized to zero temper-
ature, and an outward strain of 4% is imposed on the outer
most columns of atoms defining the opposing vertical y-z-
faces of the slab, and kept constant throughout the simulation.
The initial purely elastic strain is relaxed into plastic strain
during the course of the simulation. Since we use an NV E
ensemble, the relief of the potential energy causes an increase
of temperature in the crystal.

This simulation is very similar to the work-hardening sim-
ulation reported earlier [5], but in this study, positions and
velocities of all of the atoms are stored for a central spatial
region equal to approximately one tenth of the total compu-
tational cell. This is necessary so that a critical analysis of
the defects’ evolution can be performed. The total simulation
time for this study is 200 000 MD time-steps.

2.3 Visualisation procedure and analysis techniques

In order to see into the interior of the solid, we show only
those atoms that have potential energy greater than or equal to
—6.1, where the ideal bulk value is —6.3. This trick was used
very effectively in our earlier studies using a single crack for
displaying dislocations, microcracks and other imperfections
in crystal packing [5]. This reduces the number of atoms seen
by approximately two orders of magnitude in 3D; the visible
atoms are associated with faces of the slab and initial notch,
surfaces created by crack motion, local interplanar separation
associated with the material’s dynamic failure at the tip, and
topological defects created in the otherwise perfect crystal.
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Fig. 1 Simulation geometry, lattice orientation and time-sequence of the work-hardening simulation. (a) Simulation geometry and (b) lattice
orientation, also defining the directions for the x, y, z coordinate system. (¢) Time sequence of the work-hardening simulation based on an energy
analysis. Partial dislocations and other crystal defects appear as green lines. The snapshots present an overview over the total simulation and show
how a large number of dislocations are created at the crack tips, flowing into the material, eventually leading to build-up of a complex, entangled

dislocation network

Because of periodic boundary conditions, the vertical faces
are not exterior surfaces and therefore transparent.

In contrast to previous work [5] where only the energy
method was used for analysis, our desire of studying the quan-
titative details of the failure requires to use additional anal-
ysis approaches. In the present study we thus also employ
the centrosymmetry technique [26]. This technique is partic-
ularly powerful in distinguishing stacking fault regions and
partial dislocations as well as point defects.

For the analysis of the failure simulation, we find that a
geometrical method is another very important tool in finding
fundamental information about dislocations and defects. The
geometrical method is based on performing a Burgers circuit
around the dislocation in order to determine its Burgers vec-
tor and line direction. For that purpose, we rotate the atomic
lattice such that we are looking onto a {111}-plane, with the
horizontal x axis oriented into a (110) direction, and the ver-
tical y axis aligned with a (111) direction. To help visualize
dislocations, we stretch the atomic lattice by a factor of five
to ten in the (110) direction. We systematically rotate the
atomic lattice to investigate all possible Burgers vectors. It
is important to select a subvolume of the crystal that con-
tains only one dislocation since it significantly simplifies the
analysis. Similar to the textbook approach, we determine the
Burgers vector by rotating the part of the crystal (containing
a single dislocation) and viewing it along the possible slip
directions lying in specific glide planes. We assume that slip
occurs only on (111) planes in {110} directions, as usually
found in fcc crystals (we note we have found no indication
that other slip systems are activated) [1,2]. The slip plane
of the dislocation can be determined either by considering
the motion of the dislocation, or if the dislocation is curved,
two vectors spanning the plane can be found by two linearly
independent tangential vectors to the dislocation line (the
slip plane is uniquely defined by the plane which contains

both the line and the Burgers vector). Similar lattice rotation
operations are also used to investigate the structure of point
defects. This analysis is much like analysis of TEM images
from “real" laboratory experiments.

All results described in the present paper are obtained by
a combination of energy method, centrosymmetry method
and geometrical analysis.

3 Simulation results

3.1 Loading of the system and initial creation
of dislocations from the crack tips

Upon application of loading to the system, the cracks serve
as fertile sources for dislocations. Within a few picoseconds,
thousands of dislocations appear and flow into the interior
of the solid. The dislocations from the cracks glide on two
primary glide planes (111) and (111). This is in agreement
with the fact that dislocations are nucleated in the direction of
the largest shear stress and thus the largest Schmid factor in
the K -field of the crack [1,2]. In this early stage, the disloca-
tions glide through the initially perfect crystal without sens-
ing any obstacles. Dislocations with the same Burgers vector
and line orientation repel each other and therefore push those
previously created rapidly through the crystal [1,2].

We only observe the nucleation of partial dislocations
because of the very small stacking fault energy in our model
material [5]. The Burgers vectors of the emitted partials are
predominantly [211] and [121] on the (111) glide plane, as
well as [211] and [121] on the (111) glide plane. We also
find some dislocations with the other two possible Burgers
vectors. Assuming a positive line direction of the dislocation
in the negative z direction, the Burgers vectors all have a
component in the negative x direction (which is [110]) in the
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Fig. 2 Schematic of different dislocation cutting processes. Subplot (a) shows two partials cutting each other. Both dislocations leave a trail of
point defects after intersection (yellow circles). The blue arrows indicate the velocity vectors of the dislocations. Subplot (b) shows a partial
dislocation (black line) cutting the stacking fault (bluish region) of another partial dislocation. Dislocation number 1 leaves a trail of point defects
(yellow circles) once it hits the stacking fault generated by dislocation number 2. Panels (c)—(e) show atomistic simulation results of different
types of point defects: (c) Trail of partial point defects, (d) vacancy tube, and (e) trail of interstitials

upper cloud. In the lower cloud, the Burgers vectors have the
opposite sign.

We also see dislocations on the (111) and (111) glide
planes in regions very close to the crack tip. However, these
dislocations sense no strong elastic driving force that would
allow them to flow further away from the crack tip. The dislo-
cations on the primary glide systems (111) and (1 11) outrun
dislocations on the (111) and (111) glide planes, and in the
centre of the simulation sample, only dislocations on primary
glide systems occur.

3.2 Dislocation cutting processes

It is known, from the literature [1,2], that, when two screw
dislocations intersect, each acquires a jog with a direction and
length equal to the Burgers vector of the other dislocation.
Upon intersection, the dislocations cannot glide conserva-
tively since each jog has a sessile edge segment. However,
if the applied stress is sufficiently large, the dislocations will
glide, and the moving jogs will leave a trail of vacancies, or
a trail of interstitials depending on the line orientation and
the Burgers vector of the reacting dislocations. Generation of
interstitials is energetically expensive and thus not observed
frequently. The mechanism of dislocation cutting is shown in
Fig. 2(a). Another possible mechanism of dislocation cutting
is when a partial dislocation moves through the stacking fault
generated by another partial dislocation as shown in Fig. 2(b).

Intersection of a partial dislocation with the stacking fault
of another dislocation is observed in early stages when dis-
locations within the same cloud intersect the stacking fault
generated by other dislocations. The dislocation line forms a
jog that features a sessile edge component. Creation of a trail
of point defect causes a resulting drag force on the disloca-

tion which results in a bowing out of the segment. Because of
the specific Burgers vectors of the intersecting dislocations
and the line orientation, the cutting dislocations only have a
small screw component equal to ~/6/12aq (half the length
of a partial Burgers vector). Therefore, not a complete point
defect is generated but rather a trail of local lattice distor-
tion, a phenomenon we will refer to as a trail of partial point
defects. The defect has a dipole structure, and is depicted
in Fig. 2(c). The dragging force of the trail of partial point
defects was estimated by calculating the energy per length
for a trail of partial point defects and that of a vacancy tube,
and it is calculated to be about 20% of that of a complete
vacancy tube. This defect thus causes a significant dragging
force on the dislocations, in particular in a situation where
the dislocation density is extremely high as in the present
simulation. This could potentially become important in high
strain rate situations such as explosive conditions.

Two representative dislocation-cutting processes are sche-
matically shown in Fig. 3. The forces on the jog segment are
a combination of tensile and compressive forces in the two
(112) directions. This immediately explains the dipole struc-
ture seen in Fig. 2(c). The bowing effect on the dislocations
is shown in Figs. 4(a)and 4(b), based on a centrosymmetry
analysis in Fig. 4(a), and on an energy analysis in Fig. 4(b).
To our knowledge, the trail of partial point defects has not
been described previously.

Thus far we have only discussed the reactions that take
place when dislocations of the same clouds react. Numer-
ous dislocation reactions occur when dislocations of the two
different clouds start to interact, as shown in Fig. 4(c). Such
reactions primarily involve dislocation-cutting processes as
depicted schematically in Fig. 2(a). Due to the Burgers vectors
and the dislocation line orientation, when the dislocation
clouds meet straight ahead of the crack, the reactions are
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Fig. 3 Generation of point defects due to jogs in screw dislocations. Two representative dislocation-cutting processes are shown, (a) leading to
formation of an interstitial, (b) leading to formation of vacancy tubes. In case the edge component of the jog is smaller than that of a partial Burgers
vector, trails of partial point defects, characterized by generation of local lattice distortion rather than complete rows of missing or additional

atoms, are generated

(b)

Fig. 4 Generation of trails of point defects in early stages of the simulation. Dislocation number 1 and number 2 leave a stacking fault plane,
which is subsequently cut by dislocation number 3. Therefore, two trails of partial point defects are generated resulting in bowing of dislocation
number 3 (see the mechanism shown in Fig. 2(b)). Subplot (a) shows a centrosymmetry analysis [25] where the stacking fault planes are drawn
yellow; subplot (b) shows an energy analysis of the same region where the stacking fault planes are not shown. Panel (¢) shows the reaction of
the two dislocation clouds originating from opposing crack tip causing generation of numerous point defects

very similar to those observed in the previous stages when
dislocations of the same clouds cut each other’s stacking
fault and thus, trails of partial point defects are generated. In
Fig. 4(c), the significant effect of jog dragging on the motion
of the dislocations is clearly observed. The elastic interaction
of dislocations repelling each other causes a decrease in the
dislocation velocity.

Due to the crystal orientation and the Burgers vector of
the dislocations, only trails of partial point defects as well as
interstitials can be generated from the cutting processes on
the primary glide systems.

Complete vacancy tubes [13,14,26] are not generated
until later stages of the simulation when the dislocation den-
sity becomes very large and secondary slip systems are acti-
vated (see discussion in the next section). A large number of
such defects are created and appear as straight, thick lines in
the plot of the potential energy of atoms. The geometry of
complete vacancy tubes is shown in Fig. 2(d). The vacancy

tubes observed in the simulation are only several nanometres
long. We also observe formation of some trails of interstitials.
The number of such processes is rather small since the energy
to create such defects is extremely large. A trail of interstitials
is depicted in Fig. 2(e). The excess of vacancy concentration
is also found in experiments of materials under heavy plastic
deformation [17,27,28]. More recently, there are also several
observations of vacancy generation in computer simulations
[13,17-19,29]. In particular, the study reported in Ref. [17]
shows formation of single vacancy tube due to dislocation
cutting processes.

3.3 Activation of Secondary Slip Planes
We observe that secondary slip systems are activated once the

dislocation density is above a critical value. Figures 5(a)-5(d)
illustrates activation of secondary slip systems.
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Fig. 5 Activation of secondary slip systems and generation of Lomer-Cottrell locks. Plots (a) and (b) show details of activation of secondary
slip systems (subplot (b) is a magnified view of subplot (a)). This mechanism of cross-slip of partial dislocations, here first observed in MD
simulation, was originally proposed theoretically by Fleischer [30], and contrasts the well-known Friedel-Escaig mechanism [1]. Subplots (c)
and (d) show a view from the [110]-direction (c) before nucleation of dislocations on secondary glide systems (therefore only straight lines), and
(d) after nucleation of dislocations on secondary glide systems (which appear as curved lines). Subplots (e) and (f) show detailed views on the
formation of sessile Lomer-Cottrell locks, with its typical shape of a straight sessile arm connected to two partial dislocations

In the simulation, we find that dislocations on second-
ary slip systems are generated by cross slip and Frank-Read
mechanisms. This is an unexpected observation because cross
slip is only possible, according to the classical dislocation
mechanics, along at least locally constricted screw segments
(Friedel-Escaig’s mechanism) [1]. Due to the low stacking
fault energy of the model material used here, only partial dis-
locations exist in our simulation. Each occurring cross-slip
event leaves behind a straight, sessile stair-rod dislocation
to conserve the Burgers vector. These sessile segments can
clearly be observed in Figs. 5(a)-5(d). The main result is that
by this novel mechanism it is possible to observe cross-slip in
a situation when only partial dislocations, together with very
high stresses are present. Even in systems with only par-
tial dislocations, nature finds a way to relieve elastic energy
into secondary slip systems! We note that this mechanism
of cross-slip of partial dislocations was proposed in 1959 by
Fleischer [30]. Our simulation is — to our knowledge — the
first computer simulation that confirms the existence of such
mechanism.

Activation of secondary slip systems is important for the
hardening process because dislocation cutting or the forma-
tion of sessile locks generates a large number of additional
defects. Dislocations on secondary slip systems cannot move
easily in the beginning. However, soon afterwards, numer-
ous new defects are generated. In particular, we observe for-
mation of complete vacancy tubes at this stage dramatically
increasing the concentration of vacancies. We note that cross-
slip mechanisms have been studied in other MD simulations
previously [31-33]. In contrast to these works, in our study
we observe cross slip competing with numerous other dislo-
cation mechanisms.

3.4 Formation of sessile locks

Another mechanism of dislocation interactions is formation
of sessile locks. An analysis of the Burgers vectors of the
primary dislocations reveals that formation of sessile locks
is not observed until dislocations on secondary glide planes
are activated.
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Sessile dislocation locks can be formed depending on the
Burgers vector whenever two partial dislocations on different
glide planes get close together. Some combinations of partial
dislocations are attractive and form a dislocation line with
Burgers vector of the type 1/6[110]. These dislocations are
not glissile on any glide system of the FCC lattice, and there-
foreitis sessile and cannot move. Such defects provide a seri-
ous burden for further dislocation glide through the material,
since other dislocations approaching the sessile dislocations
cannot easily glide through this defect agglomerate, or the-
so called Lomer-Cottrell lock. One of the possibilities is how
such locks may be circumvented by Orowan-mechanisms [1,
3].

Formation of sessile dislocations is also observed in the
simulation. It is found that the sessile dislocations severely
hinder further dislocation motion, as it is assumed in the clas-
sical theories of work hardening [1]. In Figs. 5(e) and 5(f)
we show some snapshots when such defects are generated.
The typical structure of the Lomer-Cottrell lock is charac-
terized by a straight sessile arm connected with two partials
on different glide planes. This can be clearly seen in the fig-
ure. Formation of Lomer-Cottrell locks has been studied in
previous MD simulation [34], but, as discussed in the pre-
vious section, not in competition with other mechanisms.
Formation of sessile locks has recently also been found in
deformation of nanocrystalline materials [23,24].

3.5 The work-hardening regime

The simulation reveals the final sessile structure of a large
number of dislocations in the late stages of the plastic
deformation. When a situation is reached where the plas-
tic deformation of a solid has generated such a high dislo-
cation density that dislocation motion is hindered by their
mutual interactions, one generally speaks of the work-hard-
ening regime of deformation. In the molecular dynamics
simulation the deformation is large enough that this work-
hardening regime is reached quickly. In this final stage, we
see a structure composed of point defects, sessile disloca-
tions and partial dislocations. This geometric arrangement
explains the particular structure dominated by the straight
defect segments in the final stages of simulation.

Several views onto this final stage are shown in Fig. 6(a),
revealing the final network from a distant view. The blow-
up in Fig. 6(a) shows a more detailed energy analysis of the
network. The characteristic structure of the network is due to
the fact that all sessile defects (trails of point defects as well
as 1/6[110]-sessile dislocations as part of the Lomer-Cott-
rell locks) assume tetrahedral angles and lie on the edges
of Thompson’s tetrahedron. This immediately explains the
particular structure of the observed sessile network.

In contrast to the initial stages of plastic deformation,
where dislocation glide occurred easily, dislocation motion
is essentially stopped due to the work hardening and plastic
relaxation.

4 Discussion

We observe that dislocation-cutting processes generate a large
number of trails of point defects. An interesting aspect is
observation of generation of trails of partial point defects by
dislocation cutting processes with an orientation such that
the sessile edge component of the jog is relatively small.
This does not cause generation of a complete row of vacan-
cies or interstitials, but rather a local lattice distortion (see
Fig. 2(c)). This defect has, to the best of our knowledge,
not been described and observed previously. As we have
shown by our simulation, it has an important effect on hinder-
ing free dislocation motion. Such deformation mode could
become important in nanostructured materials, where it is
now understood that partial dislocations can dominate plas-
tic deformation [8-11]. Indeed, in some MD simulations of
nanocrystalline materials, similar cutting mechanisms as de-
scribed in the present work have been observed [9-11,22,
24].

Once the dislocation density in the center of the solid
grain exceeds a critical value, dislocations on secondary slip
systems are activated. Since only partial dislocations are pres-
ent in the current study, the dislocations must leave a ses-
sile dislocation segment to conserve the Burgers vector (see
Fig. 5(b)). Such mechanism of partial dislocation cross slip
was actually proposed theoretically almost 50 years ago [30],
and rediscovered by our MD simulation.

Another important dislocation reaction mechanism is the
formation of sessile Lomer-Cottrell locks (see Figs. 5(e) and
5(f)). Formation of sessile locks is not observed until dislo-
cations on secondary glide planes are activated.

We observe formation of complete vacancy tubes once
secondary slip systems are activated (see Fig. 2(d)). The
observation of generation of vacancies is in agreement with
the understanding that heavy plastic deformation causes gen-
eration of vacancies. Mott [26] was the first to predict the
vacancy formation by motion of jogged screw dislocations.
The production of vacancies [27] and their influence on plas-
ticity has been studied in experiment and theory [13-15,18,
29,35], and has also been included in discrete dislocation
modelling recently [15].

Figure 6(b) plots the development of the density of differ-
ent defects during the simulation using a method of separating
defects of different energies. The potential energy of atoms
allows discrimination between different types of defects. This
figure summarizes the hardening process in our simulation.
At the first stage, partial dislocations are emitted from cracks
with a high rate. As a consequence of cutting processes trails
of point defects are produced. Finally, the activation of sec-
ondary glide systems results in additional dislocation cut-
ting processes including the generation of complete vacancy
tubes. Another important hardening mechanism is formation
of sessile dislocations. It is interesting to note that the rapid
production of defects ceases, with the creation of cutting de-
bris (and the plastic relaxation). The density of defects finally
goes into an equilibrium. The density of partial dislocations
increases rapidly until # & 300 where a maximum is reached
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Fig. 6 Subplot (a) The final network from a distant view, including a blow-up to show the details of the network. The characteristic structure of
the network is due to the fact that all sessile defects (both trails of partial and complete point defects) as well as -sessile dislocations as part of the
Lomer-Cottrell locks assume tetrahedral angles and lie on the edges of Thompson’s tetrahedron 1, 2. The wiggly lines in the blow-up show partial
dislocations, and the straight lines correspond to sessile defects. Subplot (b) Development of the density of different defects during the simulation.
The defect densities are approximated based on an energy criterion. Atoms associated with partial dislocations have an energy between —6.1
and —5.9, sessile defects as well as trails of partial point defects have potential energy between —5.9 and —5.75 and vacancy tubes and trails of

interstitials have an energy higher than —5.6

after which the density decreases and reaches a plateau value
in the long-time limit. This corresponds to the point when ses-
sile locks are formed and thus the total line length of partial
dislocations is reduced. In agreement with this observation,
the density of sessile defects and partial point defects con-
tinues to increase up to ¢ & 490, thus far beyond the time
when the maximum of partial dislocation density is reached.
The density of interstitials and vacancy tubes increases up to
t ~ 250 and levels off at a plateau value.

5 Summary and conclusions

The main contributions of this paper are:

(1) We have shown the concurrent dynamics of fundamental
mechanisms of work hardening [1-3], in a single computer
simulation, including: (1) dislocation cutting processes,
(2) cross-slip, and (3) formation of sessile dislocation
locks. This is in contrast to many previous studies, where
only single mechanisms have been studied (see, for exam-
ple Refs. [18,19,22-24,33]). The dynamical evolution of
defect densities could be correlated with the time evolu-
tion of these events as shown in Fig. 6(b).

(2) We have discovered a new class of point defects referred
to as trail of partial point defects, which could play an
important role in situations when partial dislocations dom-
inate plasticity (see Fig. 2(c)).

(3) We have rediscovered the Fleischer-mechanism of cross-
slip of partial dislocations that contrasts the well-known
Friedel-Escaig mechanism [30]. The Fleischer mecha-
nism was theoretically proposed more than 50 years ago,
but so far not confirmed by computer simulation or exper-
iment.
Our study also exemplifies methods to analyze ultra-large
scale simulations. Similar techniques, based on energy fil-
tering, usage of the centrosymmetry parameter, and geo-
metrical analysis may be a fruitful approach for future
investigations of ultra-large scale studies of materials fail-
ure.

“

An important result is that the collective operation of the
basic hardening mechanisms apparently constricts the mobil-
ity of dislocations. A large ensemble of defects self-organizes
into a complex defect network with a regular structure leading
to a final defect network composed of trails of partial point
defects and complete vacancy tubes as well as some trails
of interstitials, sessile dislocations, and partial dislocations.
The characteristic structure of the final network is given by
the geometrical condition that the sessile defects appear as
straight lines lying at the intersection of stacking faults, thus
along the sides of Thompson’s tetrahedron.

The results illustrate that even though the LJ potential is
a simplistic model for interatomic bonding, it is nevertheless
capable of capturing most of the predicted hardening mech-
anisms [1-3]. A computer simulation using the LJ potential
under extreme conditions of very large strains seems to be
able to reproduce the essential deformation mechanisms of
natural crystalline materials such as metals.

However, in MD simulations, systems are generally under
relatively “harsh” conditions, such as high stress and strain
rates. This may lead to activation of all of the possible dislo-
cation mechanisms, whereas under more realistic conditions,
the system discriminates between the different mechanisms,
then favoring the lowest-energy path. Therefore, although
MD simulation can elucidate the possible mechanisms, exper-
imental verification of the rate limiting processes remains a
critical issue. In this spirit, our MD experiments could thus
be viewed as informative, but not representative of the hard-
ening mechanisms under more normal conditions, and the
results should be interpreted with care.

To investigate the hardening mechanisms with more real-
istic potentials for metals, we have conducted additional sim-
ulations of work-hardening using potentials developed within
the EAM framework. Notably, we observe similar hardening
mechanisms as discussed in this paper. In particular, dislo-
cation cutting processes, cross-slip and formation of sessile
locks play a dominating role.

We emphasize that such detailed atomistic views on fun-
damental aspects of plasticity, as shown in our study, can be
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obtained neither from experimental techniques, nor can they
be calculated with continuum mechanics methods, especially
in view of extremely high dislocation densities and strain
rates. In this respect, with its limitations understood, MD
simulations are a unique way to obtain such information.
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